The strain field around isolated dislocations has been studied in detail within the framework of linear elastic theory [1] . Recently it has been shown that even at the nanoscale, theoretical predictions and experimental measurements of the displacement field agree remarkably well [2] . The strain around dislocations located at grain boundaries and interfaces is less well established, mainly due to the analytical and conceptual difficulties involved. An exception concerns low-angle grain boundaries which can be considered as an array of individual dislocations [3] . Here again, elastic theory and experimental measurements are in very close agreement, particularly for the rotation field [4] . The strain at more general heterophase boundaries containing interfacial dislocations has been treated within elasticity theory as a bimaterial of two joined half-spaces, each having the elastic properties of the bulk [5] .
However, there are very good reasons to suppose that elastically the boundary will behave differently to the surrounding matrix, if only from the fact that the local atomic configurations and bonding are specific to the boundary plane.
The concept and definition of effective elastic properties for grain boundaries has been developed in continuum elastic theory [6] . The full stiffness tensor can then be calculated using atomistic modelling for different grain boundary structures [7, 8] . For metals it was shown that elastic moduli can differ quite significantly from the bulk, particularly for energetically unfavourable boundary configurations. The ultimate aim is to improve mesoscopic modelling of mechanical straining of materials containing grain boundaries.
Compatibility conditions for the stresses and strains across boundaries have been elaborated 9] and used for modelling the strain response of twin boundaries for example [10] . For the moment, however, only theoretical results have been presented, the most relevant to the current study concerning twin boundaries in silicon [11] .
Here we will present the measurement of stress and strain around dislocations at grain boundaries by a combination of high-resolution electron microscopy (HREM) and geometric phase analysis [12] . The usual limitations to this technique will apply, in that measurements are restricted to in-plane components and exterior to the dislocation core. Stresses will be determined by applying linear elastic theory to the measured strains [1] . We will begin, in order to establish the technique, with the presumably well known case of an isolated dislocation in the matrix. This will allow us to study the more interesting case of a dislocation located at a grain boundary. The strains will be shown to be different to the isolated dislocation case and hence that the grain boundary influences the local stresses and strains. By analysing the stresses and strains, we will show that the specific elastic properties of grain boundaries can be determined.
Experimental methods

Geometric phase analysis
Geometric phase analysis (GPA) is an image-processing routine that is sensitive to small displacements of the lattice fringes in HRTEM images relative to a reference lattice [12] .
Displacements are measured by analyzing the local Fourier components of the lattice fringes, g, in an image by Fourier filtering. The size of the mask used in the filtering will determine the spatial resolution of the results obtained. The resulting phase image, P g (r), describes the positions of the lattice fringes in real space. Any displacement of the lattice fringes with respect to the reference will result in a phase shift, i.e., a change in the value of the phase at the position corresponding to the displacement. Accordingly, the phase image is described as:
where u(r) is the local displacement with respect to the reference lattice, g. An identical phase component appears in the Howie-Whelan equations to include dynamical scattering from a local lattice distortion [13] . An individual phase image gives only the component of the displacement field in the direction of g. Two phase images, P g1 and P g2 (where g 1 and g 2 are non-colinear), are required to determine the two-dimensional displacement field, u(r):
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where a 1 and a 2 are the real-space basis vectors corresponding to the reciprocal lattice defined by g 1 and g 2 [12] . The strain tensor can then be obtained by numerical differentiation using the standard relations [1] :
In a similar way the local in-plane rigid body rotation, ω xy , can be determined:
where, for small rotations, the angle is in radians and anti-clockwise positive. The more developed calculations for large deformations are not necessary here (see Appendix E in [12] ) though are implemented in the practice.
Assuming that linear elastic theory is valid at the nanoscale, the stresses can be 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59  60   F  o  r  P  e  e  r  R  e  v  i  e  w  O  n  l  y where c′ ij are the components of the elasticity stiffness tensor in the coordinates of the image xy-plane (1 and 2 corresponding to the x and y-axes respectively and the third axis corresponding to the viewing direction). The other components have been omitted as these are not measurable by in-plane analysis. The strain in the observation direction, ε 33 , has been included, however, since for plane strain conditions it can be assigned a value, i.e. zero.
Electron microscopy
Electron microscopy was carried out on Σ9(122) and Σ3(111) bicrystals respectively of silicon and germanium. Macroscopic stresses were applied in order for the bicrystal to remain compatible [14] . Dislocations are generated in both grains. 
3.
Matrix dislocation in silicon little variation in the amplitude of the lattice fringes, is ideal for phase analysis [16] . This image was previously analysed to determine the displacement field to picometre accuracy at nanometre scale lateral resolution [2] . Indeed, in the area between 5 and 10 nm from the dislocation core, experimental and theoretical values agree to within 3 pm. Here, the aim is measure the stress and strain so a smaller mask was used in reciprocal space to further improve the signal-to-noise ratio: strain is particularly sensitive to noise as it is calculated by derivative of the displacement, which always amplifies random fluctuations. Phase images were calculated for the (111) and the ( 1 11 ) lattice fringes. The phases were then converted using Equation (2) , into the displacement parallel (x-axis) and perpendicular (y-axis) to the Burgers vector (Figure 1 (b) ).
The strain field can be determined by numerical differentiation of the displacement field, according to Equation (3) . In practice, derivatives are taken directly from the phase images and then combined. The results for the experimental images are given in Figure 2 (ac). Contours have been added to maximum strains of ±2.5%. Larger values of strain occur in the immediate core region but their interpretation is problematic: objective lens aberrations will certainly produce image artifacts in this region. In order to compare the results with theory, the displacement field was calculated using anisotropic elastic theory for a dislocation in an infinite medium and using the bulk elastic constants of silicon [1] . Theoretical phase lattice fringes were calculated using Equation (1) so that identical routines to the experimental case could be used to determine the strains (Figure 2 ).
At this point, a word should be said about the choice of the reference lattice.
Measurement of displacement and deformation are always relative to a particular lattice. In addition, strain in a mechanical sense is defined with respect to the undeformed state. From current high-resolution work, it is not possible to know the state of the specimen prior to the introduction of a dislocation, or indeed before the making of the thin foil. The first approximation is to choose a region of crystal at some distance from the defect, and to assume that the lattice is undeformed there. At 10 nm from the dislocation core in the direction perpendicular to the Burgers vector, all the strain components are theoretically below 0.2%, and serves as a good first choice for the reference. As a refinement, the strain field has a certain symmetry theoretically. The reference was adjusted slightly to account for this fact. In any case, the strain fields change very little: the distribution changes not at all, only in the absolute mean level. A global dilatation, or rotation, of the crystal in the reference area due to the presence of a dislocation cannot therefore be detected using this current method.
Displacement fields are much more sensitive in appearance, as a change in the reference produces a ramp in the displacement field, integrating any changes across the whole field of view, which can be quite considerable. The physically significant field is of course the strain, as this produces the actual forces between atoms.
With the chosen reference, the experimental and theoretical distributions can be seen to agree very well. Notice in particular the butterfly shape of the principal strain component, ε xx , parallel to the Burgers vector. In the region of the extra half-plane (y>0), the strains are negative and compressive, and on the other side the lattice is in expansion. The strain perpendicular to the Burgers vector, ε yy , forms a characteristic three-fold symmetry, whilst the shear component, ε yy , is mainly concentrated in the glide plane. 
where the polar coordinates (r,θ) are with respect to an x-axis parallel to the Burgers vector.
Linear elastic theory can be used to calculate values for the stresses. Assuming plane strain conditions for this edge dislocation, Equation (5) becomes: To analysis the degree of agreement between experiment and theory in more detail, the largest strain component, ε xx , was subtracted from the theoretical strain field (Figure 4 ). In the circular region between 5 and 10 nm from the dislocation core, the standard deviation of the residual is only 0.2%. This is our estimation of accuracy of the technique. In this region, the residual has random oscillations on a length scale characteristic of the spatial resolution of the technique. To understand better the scale of the measurements, the principal stress component is superimposed on the original high-resolution image in Figure 5 . The spatial resolution of the results is indeed on the scale of 2-3 nm, as indicated by the size of the mask used in the analysis, if judged by the meanders in the contours. Figure 5 is redolent of the diffraction contrast images used to reveal the strain component ε xx around an edge dislocation seen endon [19] .
Returning to the strain residual (Figure 4 ), measurable differences do exist in the core region. It is also intriguing that these systematic differences, albeit small, are present several nanometres from the core. The 3-fold symmetry is similar to the ε yy strain field and could mean that the dislocation core is slightly dissociated as expected from previous work [20] .
However, experimental strain fields are compared directly with theoretical elastic fields and not with those extracted from simulated images of the dislocation core, which represents an obvious source of error. The effect of averaging during the image processing cannot be 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 
4.
A grain-boundary dislocation in germanium Figure 6 shows the interesting case of a lattice dislocation constricted at the twin boundary in the germanium bicrystal. The edge component of the Burgers vector was determined using the grain-boundary circuit mapping [21] ), as is usually the case. The grain boundary is therefore in a non-equilibrium configuration.
Displacements of the lattice perpendicular to the twin boundary plane, u x , were measured by GPA by calculating the phase of the (111) I //( 1 11 ) II lattice fringes common to both crystals. Measurement of displacements parallel to the boundary, u y , were more problematic as the other set of {111} fringes are not common to both crystals, due to the twin.
Displacements were therefore measured separately in each grain I & II using references:
. The reference in crystal I was determined numerically from the image and then, using the orientation relation for a perfect twin, the reference state in crystal II was determined according to:
This makes the procedure similar to that in circuit mapping [21] . Strains, ε ij , and local rigidbody rotations, ω xy , were computed using Equation (4) Figure 7 .
The concentration of strains at the centre of the image corresponds to the dislocation core, whose localisation confirms the picture of the 60° dislocation constricted in the boundary plane. Strains are distributed in both crystals, as to be expected for a coherent boundary coupled elastically. In the major strain component, ε xx , the lattice is in compression above the dislocation, to accommodate the extra half-plane, and below in expansion, as seen previously for the matrix dislocation in silicon. The most interesting feature, however, is the localisation of the strains at the boundary plane. A spike of increased compression, with respect to the matrix, is apparent above the dislocation along the plane of the boundary, with a similarly increased expansion below. This is unlike the previous case shown for silicon and will be the subject of detailed analysis later on.
In order to analyse the similarities and dissimilarities with a matrix dislocation more directly, it is instructive to compare the experimental strain field with the theoretical strain field of a matrix dislocation in germanium. Figures 7 (a-c) shows the strains corresponding to an isolated, and non-dissociated, 60° dislocation according to isotropic elastic theory.
Although germanium is slightly anisotropic (A = 1.66), isotropic theory proves sufficient for our present purposes (Poisson's constant ν = 0.20 for germanium [1] ).
The general features of the strain field are well reproduced, including the slight dissymmetry of the compressive and expansive lobes due to the inclination of the Burgers vector to the horizontal plane. The strain component, ε yy , parallel to the boundary plane (Figure 7 (b) ) is continuous across the boundary and shows no localised strains. The slight discontinuity at the twin is due to the piece-wise calculation of the strains (notably absent from ε xx due to the common lattice planes parallel to the boundary). Indeed, the continuity of ε yy is a necessary condition for elastic equilibrium [9] . We have used this condition to refine the y-component of the reference lattice, analogue to the previous case of the matrix dislocation. Adjusting the reference only adds a constant value to the strain components, so it is gratifying to see that the variation of ε yy matches extremely well along the boundary plane and can be taken as a useful validation of the results.
A discontinuity is possible for the shear component, ε xy , at the boundary [9] . However, the slight discontinuity above the dislocation is most probably due to an artefact from the image analysis. The contrast of the lattice fringes needed for the analysis goes to zero at the boundary plane, a highly discontinuous occurrence which can produce artificial strains when taking derivatives in this direction (necessary for ε xy , but not ε yy ) [16] . . The fact that the theoretical contours are circular comes from the use of isotropic elastic theory (Equation (6)), rather than the anisotropic theory used for the silicon dislocation.
It seems therefore that the effect of the twin boundary is manifest principally in the strain perpendicular to the boundary plane, ε xx . The other components resemble closely the isolated dislocation case. The major difference is along the boundary plane, as can be seen clearly in the difference image ( the composite image in Figure 9 . The strains do not coincide exactly on the grain boundary position seen in the HRTEM lattice image but it must be remembered that the strain measurements have a certain spatial resolution, in this case about 2.5 nm. Noise will shift contours on this length scale.
Analysis and discussion
An explanation needs to be found for the behaviour of the strain field. For the highly symmetric twin boundary and assuming a simple bimaterial model, the strain field would not be expected to differ greatly from the isolated dislocation solution, even taking crystalline anisotropy into account. Strains parallel to the electron beam direction, ε zz , are assumed to be zero, and that plane-strain conditions apply. The screw component of the dislocation will produce strains of the type ε xz and ε yz . However, these will not affect in-plane stress components.
It is extremely unlikely that the expansion and contraction measured across the boundary plane is due to imaging artefacts or to rigid-body displacements induced by structural changes in the twin boundary. Either of these effects would tend to produce a uniform expansion (or contraction) of the boundary and there could be no reason for a reversal of sign above and below the dislocation. For example, dynamic scattering will certainly modify the apparent position of lattice planes at the boundary plane but from symmetry arguments the net effect should not produce overall contractions and expansions.
Three-fold astigmatism can produce artificial rigid-body displacements at grain boundaries
[22] -but only for non-common lattice planes, in our case in the y-direction, not for the common {111} lattice planes perpendicular to the boundary.
It seems that the grain boundary does indeed behave differently elastically to the matrix [6, 7, 8] . As a simplification to the full treatment, we will imagine that a thin slab of Figure   10 ). We can investigate its elastic properties by determining the stresses next to the boundary plane. For this we have extracted strain profiles parallel to the boundary as a function of distance from the dislocation core (see Figure 11 (a) for the profile in ε xx ). The increase of strain at the boundary compared with the surrounding matrix is clearly visible. From these profiles, stresses have been determined using anisotropic elastic theory and the bulk elastic constants of germanium tabulated in Table 2 (see Figure 11 (b) for the profile of σ 11 ): (10) Analysing the numerical values determined from Equation (10) between 5 and 10 nm from the core, we find that the grain boundary stiffness is 100±15 GPa (mean and standard deviation) above the dislocation and 70±25 GPa below, and on average 85±30 GPa. This is to be compared with the value of 165 GPa in the matrix. 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 The values obtained for the grain-boundary stiffness in the compressed and expanded regions of the boundary are close but not identical. The main difference comes from the fact that the matrix seems more strained in the expanded part than in the compressed (see Figure   11 (a) ). Whilst the compressed curve follows closely elastic theory, the expanded part is higher. This can either indicate that isotropic theory is indeed inadequate, or that the strains measured in the matrix are an overestimate of the values immediately next to the grain boundary. Matrix strains were measured at 3 nm from the boundary because of the limited spatial resolution of the measurements of 2-3 nm. Using the strains predicted by elastic theory would produce values for the boundary stiffness of 70±15 GPa, in complete accordance to the compressive region.
Values of this order have been found from atomistic simulations of incoherent twins in silicon [11] . Simulations show that elastic moduli are sensitive to the exact boundary configuration and high-energy boundaries tend to be less stable elastically. A general feature of the calculations is that elastic properties rapidly attain bulk values a few unit cells from the boundary, i.e. 1-2 nm in our case. Given the spatial resolution of our measurements it is not possible to verify whether this is true or not. We probably detect the strain at the boundary itself. Unfortunately, some of the biggest effects are witnessed theoretically for the shear moduli for which we have no estimates yet. Further analysis therefore requires calculations to be performed with the exact experimental atomic boundary structure and possibly with higher spatial resolution.
Conclusions
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